τ likewise increases with Σ, but then levels off above a critical value. These results are explained by the molecular friction of the adsorbed polymer chains sliding along the rubbery polymer matrix. The results can be used to guide the interfacial design of polymer nanocomposites to obtain ultimate macroscopic mechanical control. In particular, the monomeric friction coefficient, ξ 1 , could be used to adjust the macroscopic properties of this type of nanocomposite. 
Introduction
It is well accepted in the literature on polymer composites that the interface between a fiber and the continuous matrix has a profound effect on the macroscopic mechanical performance. 1 The more recent literature on polymer nanocomposites containing high aspect-ratio nanofillers (e.g. platelets, 2 carbon nanotubes, 3 and fibers 4 ) has been built upon the models of "classic" uniaxial composites. The models predict that the fracture mechanism and the ultimate strength and toughness of this type of nanocomposite depend on two key parameters: the filler length (L) and the interfacial shear strength (τ)
between the matrix and the filler (representing the stress at failure). A nanofiller will break during deformation of the nanocomposite only when the stress transferred to it is larger than its fracture strength. The stress transferred from the matrix depends on both L and τ. If the transferred stress does not exceed the filler's fracture strength, then the filler will pull out from the matrix when the stress level exceeds τ. The two key parameters can be adjusted by chemical or physical means to induce either a filler fracture mechanism or a filler pull-out mechanism. They therefore provide a tool for the design of the mechanical performance of nanocomposites.
There are a few examples in the literature that illustrate the importance of the interfaces between nanofillers and the matrix. For instance, spherical nanoparticles in glassy polymers 5 are very effective in interfacial composition and structure on the resultant interfacial strength lack quantitative experimental studies. There has been greater emphasis on chemical modifications of the filler/matrix interfaces (e.g. covalent bonding) rather than on physical mechanisms, as will be presented here. A better understanding of how to control τ may enable the bottom-up design of nanocomposites with desired properties.
This present work is partially inspired by previous studies of how polymer chains at interfaces influence fracture, adhesion, and friction. Kramer and co-workers systematically investigated the interfacial fracture strength of glassy polymer/polymer interfaces that are reinforced with miscible diblock copolymers. [9] [10] [11] They measured the interfacial fracture toughness using the double cantilever beam method and studied its dependence on the copolymer degree of polymerisation, N, and interfacial chain density, Σ (expressed as chains nm -2 ). They found that the interfacial failure occurs by copolymer chain pull-out from the homopolymer when the N of each block is less than the value at entanglement
(N e ). If N is above N e but with a low Σ, the failure is by chain scission, as the entangled chains break under stress rather than pull-out from the matrix.
The adhesion strength at interfaces between elastomers and polymer brushes grafted on solid surfaces is similarly affected by chain entanglements. The energy of adhesion increases with both the Σ and N of the brush. 12 Furthermore, Brown's pioneering experiments 13 on the sliding friction between elastomers and grafted polymer chains on solid, planar supports found a strong dependence on the interfacial chain thickness. Later, other systematic studies 14, 15 showed that the friction stress between a tethered brush and an elastomer increases with Σ.
This present work concerns nanocomposites made from multi-wall carbon nanotubes dispersed in a soft polymer matrix using a waterborne colloidal process. 16, 17 To make these nanocomposites, the properties of the nanocomposite are determined, in part, by τ. We report here a systematic investigation of the effects of the Σ and N of the interfacial PVP on the observed macroscopic mechanical properties of the nanocomposites. The results are analyzed through calculations of τ. When interpreting the results lessons are learned and applied from the literature on the friction of rubbers sliding along polymer brushes on solid surfaces.
Experimental Details

MWNT-PVP Aqueous Dispersions
MWNTs (Nanocyl, Belgium) are reported by the manufacturer to have a purity level of 95% and were used as received. TEM analysis, shown in the supporting information in our previous work 17 
PVP Chain Density Determination
To determine the amount of PVP adsorbed on the MWNTs, the supernatants were further centrifuged at 50,000 rpm for two hr. The MWNTs with adsorbed PVP chains were isolated at the bottom of the centrifugation tubes, and the free PVP chains in water were isolated at the top. The PVP solution was decanted off, and the MWNTs with adsorbed PVP were collected and dried. The weight ratio, w, of adsorbed PVP to MWNTs was determined with thermogravimetric measurements in nitrogen (Q500, TA Instruments, New Castle, USA). In this analysis, dried solutions of PVP adsorbed on MWNTs were heated to a temperature of 800 °C, which is well above the temperature for the complete decomposition of PVP (600 °C), as reported previously. 17 The mass loss attributed to the PVP decomposition was compared to the total mass and used to find w. The number ratio, m, of PVP:MWNT (i.e. number of PVP chains per nanotube) was then calculated for each dispersion, by modellng the MWNTs as cylinders with a mass density, ρ, of 2.15×10 6 g m -3 (18) in the expression:
where N A is Avogadro's number. The areal number density of adsorbed PVP chains, Σ (chains nm -2 ), was then found by considering the surface area of the outer wall, A w , of the MWNTs, expressed as
Nanocomposite Preparation and Measurement
To prepare nanocomposites, the free PVP was not removed from the dispersion, so as to maintain equilibrium between the adsorption and desorption of the dispersant on the nanotube surface. The MWNT dispersions were blended while stirring into a colloidal dispersion of poly(butyl acrylate-coacrylic acid) (poly(BuA-co-AA)), prepared by emulsion polymerization, as described previously 16 ( Figure 1a ). The polymer is lightly crosslinked so that there is a gel fraction of 30%. The average particle size is 120 nm, and the T g of the copolymer is -50 o C. The surfaces of the particles are enriched in acrylic acid groups.
In all experiments, the volume fraction of MWNTs, φ NT , calculated on the polymer in the dry films, was 7 x 10 -5 . (The volume of the adsorbed PVP is not included in the calculation of the volume of the MWNTs.) To check the mechanical effects of this free PVP which is not removed from the nanocomposite, the same amount of free PVP solution (i.e. the supernatants of the solutions centrifuged at 50,000 rpm for two hr.) were added to the latex to prepare latex/PVP dispersions for control experiments.
All colloidal dispersions were cast in poly(tetrafluoroethylene) molds and allowed to dry at room temperature for seven days. Interdiffusion occurs readily across the P(BuA-co-AA) particle/particle boundaries 19 because of the very low T g and low level of crosslinking; particle coalescence creates a homogeneous matrix. 20 Tensile specimens (10 mm x 1 mm x 1 mm) were cut from the dried nanocomposite layers. Tensile stress-strain measurements were obtained on an apparatus (Texture Analyzer, Stable Micro Systems Ltd., Goldaming, UK) with a constant strain velocity of 5 mm s -1 , corresponding to an initial strain rate of ca. 0.5 Hz. Three or more replicate experiments were performed for each N and Σ under investigation, and average values are reported here.
Interfacial Strength Determination
To study the interfacial strength, τ, between a single nanotube and the matrix, a suitable technique must be devised to measure a single interface. AFM-assisted nanomechanics experiments have been employed elsewhere to measure the interfacial adhesion between single nanotubes and the matrix. 21 In this work, τ is deduced from large-scale deformation of the nanocomposite, using the working hypothesis outlined below.
In classical models of conventional uni-axial fiber-reinforced composites that fail by fiber pull-out, 4 the macroscopic strength is proportional to the interfacial shear strength between the fiber and the matrix. This model has been extended to nanocomposites and applied to nano-sized fillers, such as platelets. 2 For nanocomposites filled with nanotubes, Coleman et al 3 showed how the interfacial stress transferred to the nanotube scales with L. A critical nanotube length, represented as L c , is predicted at which enough stress is transferred to the nanotube to break it. This length is expressed as
where σ NT is the nanotube strength (given in the literature as 50 GPa) 3 and τ is the interfacial strength between the nanotube and matrix.
Composite materials with a weak interface have been found to have experimental values of τ near 10
MPa. [21] However, both computer simulation 22 and experimental work 23 µm, it is valid to assume that L < L c even if τ is considered to have a value at the upper limit.
In the case where L<L c , the stress transferred to the nanotubes is not sufficient to break them, and the failure of the nanocomposite thus occurs by the nanotube pulling out from the matrix. In this pull-out process, the failure is controlled by τ. The composite strength σ c can be obtained from a knowledge of the matrix strength σ m using the standard expression:
Measurements of σ c , coupled with measurements of the other parameters, thereby allowed us to calculateτ by inversion of Eq. 4.
We note that Eq. 4 was derived through the extension of a model for uniaxial fiber-reinforced composites. The carbon nanotubes in our nanocomposites are not expected initially to be aligned parallel to each other. However, in the large strain regime, in which our experiments are conducted, nanotubes in a polymer matrix have been shown elsewhere 24, 25 to align in the direction of a tensile stress. Hence, we proceed in applying Eq. 4 after noting the underlying assumption in the analysis and treating it as a working hypothesis.
Results and Discussion
There are several factors that can influence the mechanical properties of nanocomposites: matrix morphology, the extent of nanotube dispersion (or bundling), the interface type and structure, and the nanotube orientation. The matrix P(BuA-co-AA) here is in a rubbery state and unable to crystallize. Our calorimetry measurements clearly showed that the nanocomposites with the presence of MWNTs have no crystallization and the matrix is still amorphous. As illustrated in our previous work 17 There is limited miscibility between the PVP chains and the matrix. The effects of the incorporation of the free PVP chains in the preparation procedure were investigated through large-strain tensile deformation measurements (Fig. S1 ). The concentration of the free PVP chains had no significant impact on the strentgh or toughness of the P(BuA-co-AA) films. The primary differences in the nanocomposites under investigation are the N and Σ of the PVP dispersant chains, which are primarily localised at the interface between the MWNTs and the P(BuA-co-AA) matrix.
The P(BuA-co-AA) particle surface is enriched in AA, and PVP is miscible with AA Large-strain tensile deformation measurements revealed that the maximum strength of the P(BuA-co-AA) films is 0.14 MPa, which defines the value of σ m for subsequent calculations. This value of σ m was obtained from the maximum stress achieved on the stress-strain curve, as illustrated in Fig. 2a . This same figure also compares the deformation of the polymer films to that of the nanocomposites having a constant polymer chain length ( N = 14,144) but varying Σ . The figure illustrates that with a higher Σ, the nanocomposite strength, σ c (defined as the maximum stress obtained during large-strain deformation), increases, and also greater strains are achieved before failure. Measurements of σ c are used to calculate values of τ through inversion of Eq. 4. The dependence of τ on Σ is shown in Fig. 2b .
A linear relation between τ and Σ is observed up to Σ = 0.0045 chains/nm 2 . Thereafter, τ remains constant at a plateau value of 20 MPa. With more polymer chains at the interface, the interaction with matrix chain is increased and consequently the interfacial strength is raised. Above a critical chain density, however, the effect of Σ levels off. It is worthwhile noting that other studies 14, 15 of macro-scale sliding at planar interfaces found that the friction stress likewise increased linearly with grafting density until reaching a critical value, above which the stress reached a plateau. Bureau and Léger 14 have proposed that at high Σ, the sliding friction is set by the rheology of the thin layer of interfacial chains. This idea provides a good explanation for the plateau of τ found for high Σ in Fig. 2b . We also note that a similar dependence on interfacial chain density was found in the interaction of diblock copolymer brushes at the interfaces in immiscible polymer blends. [9] [10] [11] When the Σ became sufficiently large, the interfacial strengths were found to level off at a constant value. In Brown's experiments, 13 sliding friction was increased by thin brush layers (i.e.
low Σ) but liquid-like behavior was found for thicker layers. Fig. 3a shows the large-strain tensile deformation of the nanocomposites with varying PVP chain length. Experimentally, it was not possible via the physisorption process to hold Σ perfectly constant while varying N , so there is some variation in both parameters. The quantitative dependence of τ on N was then determined experimentally through analysis of the data. τ was normalized by Σ so as to represent the average force provided per individual chain during the pull-out process . Underlying this calculation is an assumption that τ is negligible when there are no PVP chains at the interface between the nanotube and matrix. Experimentally, it is not possible to create such an interface, because the nanotubes require a dispersant to be suspended in water. However, surfactants are small molecules and hence will not entangle with the matrix nor create a high friction. Previously 17 we reported that σ c for nanocomposites prepared with surfactants is just slightly higher than σ m , showing that τ ≈ 0 when the matrix is not sliding along polymer chains adsorbed at the interfaces. Hence, F frict ≈τ/Σ. In order for the PVP chains to sustain such relatively high forces, they must be attached strongly to the MWNTs. Molecular dynamics simulations using empirical force fields 29 offer some insight into the expected interaction energies solely due to van der Waals interactions between polymers and CNTs.
The energy depends on the temperature and the nanotube diameter. The simulation for poly(styrene) (PS) on a nanotube with a 20 nm diameter (the same size as used in our work) finds an interaction energy of approximately 250 kJ/mole. Note that PS has some structural similarities to PVP. This energy level is below the covalent bond energy of a single C-C bond, such as is found in the backbone of PVP, with a value of 360 kJ/mole. 30 Hence, it is expected that the chains can support significant stress without pulling off of the MWNT surface but not enough stress to cause chain scission.
For an elastomer sliding along a polymer brush, the friction force acting on a chain, F frict , depends on the velocity, V, of the sliding. 31, 32 Below a certain velocity V r , the whole chain of the brush can relax in the elastomer network. 14 This velocity is given as
with e e N a D ≈ being the mesh size of the rubber network and τ arm (N) being the Rouse relaxation time of a chain with N monomers. The monomer size, a, can be estimated to be 0.5 nm. N e , the number of repeat units between entanglements, is estimated to be 100 for the P(BuA-co-AA) matrix.
Above V r , the head of the chain is stretched in a straight tube of diameter D e and only a tail of q monomers has time to relax, coil and penetrate into the rubber network. 15 When the velocity increases, the coil will shrink and the stretched chains will grow until q is less than N e .
In the velocity regime where V >V s , the whole chain has no time to relax, and it is mainly stretched. . Here, k is the Boltzmann constant, T is the absolute temperature (300 K), and ξ 1 is the monomeric friction coefficient, which is the frictional force per monomer unit per unit velocity moving through a medium consisting of other polymer molecules. ξ 1 is a function of both the geometry of the repeat unit and its chemistry. 33 The ξ 1 for rubbery polymers is typically on the order of 50 nNs m -1 at room temperature. 34 The corresponding monomer relaxation time, τ m, will be on the order of 10 -7 s.
For PVP chains with N = 3,243 and 14,144, we estimate, using Eq. 6, that V s is 0.2 and 0.04 µm/sec, respectively. The local sliding velocity V at the nanotube/matrix interface is taken to be 0.75 µm/sec (as estimated from the product of L and the initial strain rate: 1.5 µm × 0.5 Hz). Thus, for N = 3,243 and 14,144, the sliding velocity V is found to be larger than V s .
When V>V s , the sliding friction is attributed to the Rouse friction with the rubber network. The frictional force per chain is then linearly proportional to V, such that
This equation is applicable for the two higher N and can be used to calculate the monomeric friction coefficient of PVP with the P(BuA-co-AA) matrix. We find ξ 1 to be on the order of 100 nN s m concentrations studied. The conformation of flexible chains adsorbed on larger radii was described as "cloud-like" These simulations suggest that there will be some extension of the PVP chains away from the carbon surface, and that they will not lie flat nor wrap.
A low interfacial strength will inhibit effective stress transfer. An improved interfacial strength will help to achieve full stress transfer from the matrix to the nanotube and will result in greater nanocomposite strength. Fig. 4 shows the interrelationship between the nanocomposite's engineering toughness (which is determined from the area under the stress-strain curve) and the τ deduced from the macroscopic strength, as already explained. The toughness enhancement is apparent in these soft nanocomposites. As the matrix macromolecules are in the rubbery state and have high mobility, an increased interfacial strength allows the nanocomposites to be deformed to a greater extent before fracture. The nanocomposites are therefore able to dissipate more energy, as previous results have revealed. 5, 17 A similar correlation between Young's modulus and τ is also shown. The nanocomposites exhibit greater stiffness when there is more contribution from the nanotubes as a result of increased stress transfer. Although, in principle, stress transfer can be achieved by covalent bonding between nanofillers and the matrix, 36 our approach relies on a physical mechanism. We note that N and Σ are important parameters in the design of nanocomposites of this type. Their values can be adjusted to increase the macroscopic mechanical properties of the nanocomposite. Even when the molecular weight polydispersity is somewhat broad, as was the case here, N has a signficant impact on mechanical properties.
Our results also indicate that, in the limit of high velocity, the mechanical strength is a function of ξ 1 .
The value of ξ 1 can vary widely depending on the nature of the polymer, and hence the selection of the polymer dispersant on the nanotubes becomes an important design parameter. For instance, molecules with bulky and stiff repeat units typically have a ξ 1 value on the order of µNsm 
Conclusions
In a systematic study, we have demonstrated that the interfacial strength between carbon nanotubes and a soft polymer matrix increases with the chain length and density of polymer chains adsorbed at the interface. Longer chain lengths and higher chain densities both increase the interfacial strength and hence lead to an increased macroscopic strength (by a factor of two) and toughness (by a factor of three) in the nanocomposite. The observed increase in the interfacial strength is attributed to the sliding friction between the adsorbed dispersant chains and the matrix. These experiments thereby demonstrate a physical approach to improve the mechanical properties of nanocomposites, rather than one that relies on covalent bonding at the interfaces. The effect is quite forgiving of molecular weight polydispersity, and drawing from the results here, does not require monodisperse fractions.
The results lead us to propose that the monomer friction coefficient of the interfacial polymers is an important parameter that can be selected to tune the interfacial strength and hence the macroscale properties of nanocomposites of this type. 
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